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The effects of long-term aging on microstructures and their influence on tensile and stress-rupture be-
havior of a corrosion resistant nickel-base superalloy are investigated. Samples are aged isothermally at
1073, 1123, or 1173 K for different times of up to 10,000 h and mechanical tests are performed on samples
in both standard heat treatment (SHT) and aged conditions. Scanning electron microscopy (SEM) studies
reveal that the coarsening kinetics of �� follows a linear law at different temperatures with the calculated
activation energy, i.e., 255 kJ/mol, for �� growth according to Lifshitz-Slyozof-Wagner (LSW) theory.
After long-term aging for more than 1 khours, � phase appears in the alloy. The kinetics of � formation
can be described by the Johnson-Avrime-Mehl equation. Tensile experiments at room temperature and
1173 K and endurance experiments at 1173 K/274 MPa are performed to test the effect of � phases on these
properties and no remarkable harmful effect is found. �� coarsening can be used to explain the reduction
of yield stress, which is tested by the Labusch-Schwarz hardening theory. Although the presence of the �
phase clearly does affect the fracture process, the � phase does not embrittle the alloy.
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1. Introduction

The experimental superalloy is a high-strength nickel-based
superalloy that is being considered for application within mod-
ern gas turbine engines, e.g., in turbine blade applications. Its
good mechanical properties at high temperatures are related to
the structural hardening induced by precipitation of the ordered
�� phase. The strength of a given Ni-base superalloy is depen-
dent upon such factors as volume fraction, size, and coarsening
rate of �� precipitates (Ref 1). Knowledge of the effects of
service exposure on precipitate characteristics and related me-
chanical properties is an essential step in optimizing the prop-
erties of superalloys and prevent premature failure of compo-
nents during service. For improving the high-temperature
capability of these applications efficiency, recently developed
alloys contain high amounts of refractory elements, such as Cr,
W, and Mo, which act as solid solution strengtheners at high
temperature (Ref 2). The introduction of these elements, how-
ever, makes the microstructure more susceptible to the forma-
tion of topologically closed packed (TCP) phases during long-
term service (Ref 3, 4). Among these TCP phases, � phase is
a commonly observed phase in superalloys in which the total
atomic percent of W and Mo is less than 3.8% (Ref 5). A great
quantity of platelike structure is a critical property because it
removes important strengthening refractory metal and chro-
mium elements from the alloy matrix, causing loss of strength

in the matrix (Ref 3, 6, 7). It is also reported that these brittle
intermetallic TCP phases can initiate or accelerate crack propa-
gation as they precipitate (Ref 8).

The experimental alloy, which consists of � matrix, �� pre-
cipitates, eutectic, carbides, and minor borides, is a cast nickel-
based superalloy. To posses excellent hot-corrosion resistance
and high-temperature oxidation resistance capability, the alloy
contains 16% Cr and 10% Co (in wt.%). Furthermore, the
target temperature capability of the alloy is set at 1373 K for
1000 h creep life. So the performance of the alloy after thermal
exposure needs to be evaluated. This paper aims at: (a) coars-
ening behavior of �� precipitates; (b) � phase precipitation
behavior; and (c) evaluating the effect of microstructure on the
mechanical properties with identifying the governing mecha-
nisms for the strength of the alloy, which will be helpful in
future corrosion-resistant superalloy design.

2. Experimental

Experimental alloy was produced in an industrial scale
vacuum induction furnace. Then 25 kg master ingot was re-
melted and cast into rods of 15 mm in diameter and 120 mm in
length under vacuum. The chemical composition of the alloy
(in wt.%) is about 15.5 Cr, 10.8 Co, 5.6 W, 2.1 Mo, 3.2 Al, 4.6
Ti, 0.2 Nb, 0.4 Hf, 0.075 B, 0.073 C, and the balance Ni. The
specimens used for long-term aging were with the gauge sec-
tion of diameter 15 mm and length 20 mm and were subjected
to standard heat treatment (SHT), 1443 K/4 h/air cool + 1323
K/4 h/air cool + 1123 K/16 h/air cool. After standard heat
treatment, the specimens were divided into several separate
groups and some of the groups were given long-term, un-
stressed, high-temperature exposures at 1073, 1123, and 1173
K for 1000 h (1 kh), 3000 h (3 kh), 5000 h (5 kh), and 10,000
h (10 kh), respectively, to determine the microstructural evo-
lution of the alloy.
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Room and high-temperature tensile tests at initial strain rate
from 1.04 × 10−4 to 1.04 × 10−1 s−1 were performed on a
Shimadzu AG-250KNE test machine (Shimadzu Co., Ltd., Ja-
pan). The specimens for tensile tests were machined from the
heat-treated bars, with the gauge section of diameter 5 mm and
length 25 mm. The stress-rupture tests were conducted in air at

1173 K and 274 MPa. The transmission electron microscopy
(TEM) foils were prepared by conventional jet polishing in a
solution and finally observed in a Philips TEM 420 transmis-
sion electron microscope (Royal Dutch Philips Electronics
Ltd., The Netherlands) operating at 100 kV. Metallography
samples were examined on JSM-6301 scanning electron mi-
croscope (SEM) equipped with an energy-dispersive spectrom-
eter (EDS) after being etched in Nimonic etching reagent (20
ml HCl, 5 g CuSO4, and 80 ml H2O). Quantitative measure-
ments of � and �� precipitates were made directly on the SEM
micrographs using a semiautomatic image analyzer. The re-
ported values were the average values from the measurements
made on ten SEM micrographs of each sample. The weight
fraction of �� was measured using the electrolytic extraction
technique described by Kreige and Baris (Ref 9). The volume
fraction of �� was approximated to the weight fraction (Ref
11). In this study, the total volume fraction of �� was almost
constant during aging, i.e., ∼51%.

3. Results and Discussion

3.1 Initial Microstructure

During solution treatment at 1443 K, almost all the �� pre-
cipitates are dissolved except for the �� particles (�I�) in inter-
dendritic regions and at the grain boundaries. After solid solu-

Fig. 1 SEM microstructure after standard heat treatment showing
duplex size �� distribution

Fig. 2 �� size and distribution after aging at 1123 K for (a) 1 kh, (b) 3 kh, (c) 5 kh, and (d) 10 kh
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tion for 4 h followed by air cooling, in the dendritic cores the
secondary �� precipitate (�II�) is cubic in mean edge length of
0.1 �m, while in interdendritic regions it is irregular. After
further aging at 1323 K for 4 h followed by air cooling, the
average edge length of �II� is about 0.12 �m due to reprecipi-
tation. Then, after further aging at 1123 K followed by air cool,
a duplex-size precipitate microstructure is obtained in dendritic
cores, with the fine �� particles called tertiary �� precipitates
(�III�). �II� and �III� particles in dendritic cores are cubic in
mean edge length of 0.14 �m and spherical with a mean radius
of 0.03 �m, respectively (Fig. 1).

3.2 Coarsening of �� Precipitates

After aging treatment, the average �� size increases with
temperature increasing and also increases with aging time in-
creasing. Figure 2(a-d) show the �� coarsening at 1173 K for 1,
3, 5, and 10 kh, respectively. It is noted that some of the larger
aged �III� are exhibited in these figures, and small ones cannot
be seen with these experimental conditions. Subsequently, the
study of �� evolution is mainly on the �II� in dendritic cores.
Although the larger secondary �� precipitates present degener-
ate shape, the authors shall refer to them as cuboids. In this
study, the average size of the degenerate cuboids is measured
in terms of the diameter of a disc of equal projected area, so it
is also considered as mean diameter of these cuboids. The
average effective radius of �� precipitates in this study with
various aging times at three temperatures is plotted in Fig. 3(a).
It is clear that the relationship between effective radius and
aging time is linear (LSW theory) (Ref 10, 11):

d3 − d0
3 = kt (Eq 1)

where t is the aging time and d0 and d are the average size of
�� precipitates before aging and at the time t, respectively,
which yields the coarsening rate, k. With assuming the com-
position of the �� phase does not change significantly during
isothermal aging, Steven and Flewitt (Ref 12) give the relation
for calculating the activation energy for �� coarsening, Q, as:

ln�kT� = constant − Q�RT (Eq 2)

where T is the absolute temperature and R the gas constant.
This relation is plotted in Fig. 3(b), which yields an active
energy of 255 kJ/mol for �� coarsening in the alloy. In Ni-
based superalloys, estimated values of the activation energy for
coarsening of �� particles are approximately 250-290 kJ/mol,
which are roughly consistent to that for diffusion of �� forma-
tion elements in Ni (Ref 1). Therefore, the growth of �� in these
alloys is controlled mainly by the diffusion of Al, Ti, and Nb
in the matrix. The �� formation elements, such as Ni, Al, Ti,
Nb, and W, diffuse from matrix to promote the �� growth, with
the interrelated diffusion of other elements (such as Co, Cr, and
Mo) away from a coarsening �� particle.

Mullins and Sekerka (Ref 13) proposed that the point effect
of diffusion, which is the origin of morphological instability,
competes with several stabilizing factors such as surface en-
ergy, surface diffusion, or anisotropy of surface tension (Ref
14). If the former is dominant, then instability occurs; if the
latter factors are dominant, then the second phase grows with-
out instability (Ref 14). As shown in Fig. 2, the mean size of ��
increases with increasing aging time, while the quantity of ��
decreases. It is clear to see that the cubic �� particles degen-

erate and some relatively small �� particles split (Fig. 2b, d).
Two possible mechanisms could be deduced for the dissolution
of coarser precipitates. One is the corner dissolution of coarse
precipitates, which incorporates solute into the matrix solid
solution. A second possible mechanism is a stepwise splitting
of the coarser precipitates into smaller ones for the purpose of
easier dissolution. Coarse precipitates usually split into two
fractions and dissolution of the split portions occurs starting at
the split plane (Ref 15). Thus, the degeneration of cubic �� is
due to the corner dissolution of �� particles. However, the
larger ��, which is dominated by total interface-related energy,
will grow without instability, and the small cubic �� particles,
which will split and dissolve into supersaturated matrix, pro-
vide the solute for larger �� growth.

3.3 � Formation

With the aid of the d-electrons concept, the average
d-orbital energy of the alloy is calculated as Md � 0.986,
which is close to the upper bound of � formation in high-
strength nickel-based superalloys (0.975-0.991). By means of a

Fig. 3 Coarsening of �� precipitates (a) correlation between (d3 − d0
3)

and aging time at different temperature; (b) the relationship between
temperature (T) and the growth rate (k) yielded from (a)
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phase computation (PHACOMP) method, the average electron-
hole concentration (Nv) is calculated as Nv � 2.475, which is
also close to the critical values for � formation in superalloys
(2.45-2.52). The higher value of Md or Nv is due to the com-
position of the refractory elements in the alloy, which increases
the tendency of TCP formation. The � plates, which come from
the sample aged for 5 kh at 1123 K with deep etching, are
shown in Fig. 4(a). The extracted � is in the form of thin
rectangular plates, 20-50 �m long, 5-10 �m wide, and about
0.3 �m thick. The � phase presents a lath-like character by
high-magnification SEM study (Fig. 4b). TEM morphology of

the � plate with a corresponding diffraction pattern is shown in
Fig. 4(c). After standard heat treatment and additional long-
term isothermal aging at 1173 K for different times, � phase
formation occurs, as can be seen from Fig. 5. It is noticed that
no � phases are observed in the as-heat-treated samples or the
samples exposed at 1173 K for 1 kh, but � is being observed at
longer exposure durations. As shown in Fig. 5(b) to (d), small
blocky M23C6, which is enriched in Cr, precipitates within
dendrite cores during aging heat treatment. Furthermore, the �
phase nucleates on M23C6 or in the vicinity of M23C6. The
normalized volume fraction of � phase, f, is derived from the

Fig. 4 Microstructure of the alloy after aging for 5 kh at 1123 K: (a) optical micrograph of � plates extracted from alloy; (b) high magnified SEM
micrograph of � plate; and (c) TEM morphology of � plate and corresponding diffraction pattern
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area fraction of � phase. The f-values versus aging time at
different aging temperatures are displayed in Fig. 6. It shows
that the incubation time for � nucleation decreases and forma-
tion rate of � increases with the aging temperature increasing.
To better understand the fraction-increasing tendency of �
phase, the f data are fitted in terms of the Johnson-Avrami-
Mehl (JAM) equation (Ref 16):

f = 1 − exp�−kt n� (Eq 3)

where k is a constant, and n is the time exponent, referred to as
the Avrami exponent, which often takes integer values of be-
tween 1 and 4. The various values of n are linked to factors
such as shape, the nucleation or growth rate (Ref 17).

The best-fit values of the JAM equation are presented in
Table 1. It shows that exponent n is nearly constant (1.35-1.52),

so it is deduced that the nucleation mechanism of � phase is not
changed in the temperature range 1073-1173 K. On the basis of
research of several alloys, Kim et al. (Ref 18) suggests that the
growth of �� is controlled mainly by the bulk diffusion of Al or
Ti in the matrix, with the interrelated diffusion of other ��
formation elements (such as Co, Cr, and Mo) away from a
growing �� particle. During the incubation of � phase forma-
tion, which is the early stage of �� growth, the growth rate of
�� is high. At this stage, the interface energy of �/�� becomes
low with elements diffusing rapidly, and the diffusion activa-
tion energies of these alloying elements become lower. Con-
sequently, the � formation elements are super saturation in
matrix, and the concentration of these elements in the rich-W
regions, the vicinity of M23C6, causing the preferential nucle-
ation of � phase. In the steady state of � formation, the long-
range diffusion of element Mo is the dominating factor to

Fig. 5 Back-scattered electron micrographs depicting � phase formation of samples aged at 1173 K for (a) 1 kh, (b) 3 kh, (c) 5 kh, and
(d) 10 kh
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control the � growth (Ref 17). In the alloy, no obvious �
formation at grain boundaries can be attributed to the elements
Hf and B, which concentrate or forms precipitates at grain
boundaries; therefore, these elements adjust the distribution
of carbides or prevent the MC from decomposing into M23C6

(Ref 19).

3.4 Mechanical Properties

The effect of aging time at different aging temperatures on
yield stress and elongation of the alloy is presented in Fig. 7. It
can be observed that the entire yield stresses decrease with
aging time increasing. The amount of decrease in yield stress is
drastic at the early stage of aging and small at the late stage of
aging. Furthermore, the yield stress is higher at room tempera-
ture tests (Fig. 7a) than at 1173 K tests (Fig. 7b); thus it is
independent of the aging temperature. The magnitude of the
elongations fluctuates around that of the standard heat-treated
samples, which is also independent of the aging temperature.
Moreover, the elongations at RT tensile tests are lower than the
tensile tests at 1173 K.

After thermal exposure at a temperature of 1173 K, the
stress-rupture life is the longest (Fig. 8a). Furthermore, the
reduction of endurance life becomes diminutive with aging
time increasing. In addition, the endurance elongation of
samples given long-term thermal exposures fluctuates around
that of unexposed samples. It obtains the highest value after the
samples are given long-term thermal exposure at 1173 K (Fig.
8b). These results are not consistent with the earlier polycrys-
talline Ni-base superalloys such as IN 100 (Ref 20) and U-700
(Ref 21) in which the long-term thermal exposures cause sig-
nificant reduction effect on rupture strength accompanied by a
reduction in rupture ductility.

Discriminating the effect of phases such as �� and � on the
mechanical properties is really difficult because all of these
phases are variable during long-term thermal exposure. It is
well known that the � phase has deleterious effects on me-
chanical properties in two different ways: the phase can act as
a barrier for moving dislocations, leading to interfacial deco-
hesion and crack initiation. Some researchers report that in-
creased rupture ductility is considered to be mainly due to ��
precipitate coarsening in alloys where no � phase formation
occurs (Ref 22, 23). Although the presence of � phase is al-
ways reported to be related to embrittlement, which is consid-
ered to contribute to poor ductility (Ref 22), some researchers
find that � formation results in a decrease in the refractory
metal content in the alloy matrix, causing a reduction in the
strength and, perhaps, an increase in the ductility of the alloys
(Ref 1, 3, 8). On the other hand, when � phase is very little and
small in quantity, it has no obvious effect on mechanical prop-
erties; furthermore, it can strengthen alloy at special conditions
(Ref 24).

The SEM fractographic analysis of the samples after tensile
test at 1173 K and stress-rupture test at 1173 K/274 MPa in-
dicate that all samples fail in a ductile shear mode. It is found
that, in long-term aged samples, � phase presents a compli-
cated fracture feature that occurs generally by the intergranular
crack propagation method. In this case, the fracture presents

Table 1 Kinetics parameters n and k as obtained by
fitting the data shown in Fig. 4 in terms of the JAM
equation

Temperature, K n k, h−1

1073 1.52 1.1 × 10−7

1123 1.4 8.2 × 10−7

1173 1.35 2.1 × 10−6

Fig. 6 Variations in � phase fraction as a function of aging time and
temperature

Fig. 7 Effect of aging time on tensile properties at (a) room tem-
perature and (b) 1173 K
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mainly dimples with some facets that have similar dimensions
with � plates (Fig. 9a). Detailed study indicates that cracks
initiate at interface of � and �/�� eutectic or carbide and matrix
and advance across the grains leading to fluctuation of ductility
(Fig. 9b). Therefore, samples with and without � phases are not
embrittled. Actually, it is believed that the growth of �� par-
ticles causes the variation of ductility, which also contributes to
the reduction in endurance strength after the higher temperature
exposure.

In high-strength materials, ordered secondary phase par-
ticles act as strong obstacles for moving dislocations in a dis-
ordered matrix. In this case, the conventional hardening theory,
including pairwise particle cutting models proposed by Brown
and Ham (Ref 25), Huther and Reppich (Ref 26), and the
Orowan bowing model proposed by Brown and Ham (Ref 25),
is normally used. In this study, models for Orowon bowing are
not considered because Orowan loops are rarely seen in similar
superalloys (Ref 23, 27, 28). Here, the Lbusch-Schwarz modi-
fied conventional hardening theory is used. Table 2 lists the
appropriate formulas and the corresponding parameters used in
this paper for estimating the CRSS in different rangers of par-

Table 2 Formulas and corresponding parameters used
in this study

CRSS for particle shearing

Cutting stress for
weakly coupled
pairs

��0 =
1

2��

b�3�2�bdf

� �1�2

A −
1

2��

b�f (Eq 4)

� ≈ �Gb2�2��3.4; A = 0.72 (Ref 27)

Cutting stress for
strongly coupled
pairs

��0 = �1

2�1.72
�f1�2w

bd �1.28
d�

w�
− 1�1�2

(Eq 5)

� ≈ Gb2�2 (Ref 27)

Labusch-Schwarz
correction for
formulae (4)
and (5)

��LS = 0.95�1 + C�0���0 (Eq 6)

�0 ≈ �0
min =� f

�
(Ref 27, 30)

Variables: �, antiphase domain boundary (APB) energy; b, Burgers vector
of the edge dislocation in matrix; d, mean particle diameter; f, volume
fraction of ��; �, dislocation line tension; G, shear modulus; w, constant

Fig. 8 Effect of aging time on stress-rupture properties at 1173 K
with an engineering stress of 274 MPa: (a) stress-rupture life and (b)
elongation

Fig. 9 SEM fractographies of (a) sample after 1123 K tensile test
aged for 5 kh at 1123 K and (b) a longitudinal section of the sample
after a stress-rupture test at 1173 K/274 MPa aged for 10 kh at 1173 K
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ticle diameters. In Eq 4 and 5, the dislocation line tensions �
are described simply by the constant line tension approxima-
tion (Ref 27). In Eq 5, w = 2.8 for a volume fraction of 51%,
is a constant that accounts for the elastic repulsion between the
strongly paired dislocations. For larger �� volume fraction, the
Labusch-Schwarz model (Ref 29), which has been successfully
applied to some Ni-base superalloys (Ref 27, 30), the appro-
priate interpolation formula, Eq 6, is valid, with ��LS standing
for the CRSS for the Labusch-Schwarz hardening model. As a
simple approximation, the Labusch-Schwarz parameter (�0)
can be given as:

�0
min =� f

�
(Eq 7)

This parameter is constant for a given f, independent of the
particle size. In the calculation, the parameter �0, i.e., �0

min �
0.4 (f � 51%), is approximated. In Ni-base alloys, the total
CRSS �0 includes the CRSS caused by solid solution hardening
of the matrix �m, and the CRSS caused by �� precipitates ��0.
For simplification, the linear law �0 � �m + ��0 is applied in
this study, and the value of �m is taken to be 92 MPa according
to that of Nimonic 105, whose �� volume fraction is also 51%
(Ref 27). The yield stress �y has the relationship �y � M�0,
here the Taylor factor M � 3.

In the present study, the following values of parameters that
are appropriate to the alloy have been assumed: b � 0.254 nm,
� � 0.12 J/m2, f � 0.51, G � 80 GPa (298 K) or 56 GPa
(1173 K). The CRSS ��0 due to �� particles as a function of
mean particle diameter d, in which the experimental data as-
sociate with the theoretical curve, is shown in Fig. 10. Good
agreement is observed between experimental data and LS
theory values (thick full lines), and the transition from shearing
to Orowan mechanism is observed to occur at the mean diam-
eter of about 0.5 �m. Furthermore, it derives the diameter of d
� 0.13 �m, when transition from weak-coupled pairs dislo-
cation shearing to strong-coupled pairs dislocation shearing
occurs. As anticipated, the yield stress at 1173 K for the aged
alloy is lower than at room temperature. With the LS theory,
the weak-strong coupled pairs transition diameter is calculated
also to be about 0.13 �m.

From graphs such as Fig. 10, it is concluded that the
strength reduction can be explained by �� coarsening. So it also
gives evidence that � phase cannot influence the strength ob-
viously. � phase formation in the alloy is mainly in dendrite
cores with a few at interdendritic regions other than in the
vicinity of grain boundaries in early reported superalloys such
as IN100 (Ref 20) and U720 (Ref 31). This character of �
phase reduces the risk of rapid grain boundary crack propaga-
tion. Moreover, the number of � is not large and their distri-
bution is not wide enough to make the � phases conjoin in the
alloy, avoiding the penetrating crack. So no remarkable harm-
ful effect on the mechanical properties can be found. Although
the presence of the � phase clearly does affect the fracture
process, the � phase does not embrittle the alloy.

4. Conclusions

• Coarsening kinetics of �� precipitates in the alloy follows
a linear law at different temperatures. Calculated with the
LSW theory, the activation energy for the growth of ��
precipitates, i.e., about 255 kJ/mol, is close to the activa-
tion energies for diffusion of �� formation elements in
nickel.

• After long-term exposure, there are small amounts of �
phases that appear in the alloy. From JAM theory analysis,
the exponent n is nearly constant (1.35-1.52). The � for-
mation mechanism is suggested as the diffusion of � for-
mation elements.

• In the alloy, � phases influence the mechanical properties
mainly by softening of the � matrix rather than by em-
brittlement, which is verified by no drop in ductility. The
degeneration of strength is mainly due to the coarsening of
�� precipitates. With Lbusch-Schwarz theory, the pre-
dicted precipitate diameter corresponding to peak strength-
ening is about 0.13 �m.
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